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ABSTRACT
The interaction of 1/2<110> screw- and 60° dislocations with symmetric [110]
tilt boundaries was investigated by atomistic simulations using many-body
potentials representing a pure f.c.c. metal and ordered intermetallic compounds.
The calculations were performed with and without an applied shear stress. The
observations were: absorption into the grain boundary, attraction of a lattice
Shockley partial dislocation towards the grain boundary and transmission through
the grain boundary under the influence of a shear stress. It was found that the
structural unit model may help to predict the interaction mechanism for long period
boundaries and that the interaction in ordered compounds shows similarities to the
interaction in f.c.c.metals. Some comparisons with experimental observations have
been made.
§ 1. INTRODUCTION
The structure of grain boundaries determines a number of important properties of
polycrystalline materials, among which the mechanical strength is the most affected.
Already in the late thirties it was proposed that grain boundaries affect glide of
dislocations, i.e. the mechanical properties of polycrystalline materials (Chalmers
1937). A more recent example can be found in a number of ordered compounds, which
are very attractive materials for high temperature
applications
because of their
chemical resisitivity and their mechanical strength at high temperatures.
These
materials are generally ductile as single crystals but show intergranular fracture in their
poly crystalline form. This hampers their application, and therefore the physical reason
for this intergranular
brittleness needs to be scrutinized. A possible answer can be
found in the low cohesion of grain boundaries in these materials. However, there is also
experimental evidence that the dislocation mobility in the vicinity of grain boundaries
may be strongly enhanced when ductilization takes place (Baker, Schulson and Horton
1987). The opposite has been suggested by Chaki (1990). This leads to the conclusion
that it is necessary to consider the interaction
between dislocations and grain
boundaries in detail.
There has been a variety of experimental approaches to the study of dislocationgrain boundary interaction. They include etch-pitting, slip line analysis, and transmission electron microscopy (TEM) (Dingley and Pond 1979). In situ deformation in
the electron microscope has provided detailed insight in the process of the interaction
(Shen, Wagoner and Clark 1988), and additional information on an atomic level has
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been provided by high resolution transmission electron microscopy (HRTEM)
(Elkajbaji and Thibault-Desseaux 1989). A number of theoretical concepts which help
the understanding of the processes at grain boundaries have also been developed,
namely the coincidence site lattice (CSL) and displacement-shift-complete lattice
(DSC) models (Bollmann 1970, Balluffi, Brokman and King 1982) and the structural
unit model (Sutton and Vitek 1983, De Hosson and Vitek 1990).
When a lattice dislocation impinges on a grain boundary, there are various
possibilities for the interaction mechanism (Shen, Wagoner and Clark 1988):
(1) The lattice dislocation can dissociate into grain boundary dislocations. A grain

boundary dislocation (g.b.d.) can only exist in a grain boundary and a perfect
g.b.d. (or DSC dislocation) has a Burgers vector that belongs to the DSC lattice.
This mechanism is referred to as absorption.
(2) The lattice dislocation moves into the grain boundary, while another lattice
dislocation emerges from the grain boundary into the other grain. A residue
with a Burgers vector that is equal to the difference of the two lattice
dislocations remains in the boundary. This residue is a DSC dislocation. This
mechanism is referred to as transmission.
(3) In addition, there are more complex mechanisms, like absorption and reemission, at another site in the boundary.
In addition, a grain boundary can be the nucleation site of dislocations.
The selection of the actual interaction mechanism depends on the energetics. In this
paper, we focus on the interaction, at the atomic level, between dislocation core and
boundary core. The interaction between a number of periodic, symmetric [110] tilt
boundaries and dislocations of screw and 60° character with their line direction parallel
to [110] was studied by atomistic simulation using two approaches: static simulations
(energy minimalization of the combined dislocation and grain boundary system) and
kinematical simulations, in which a shear stress is applied in such a way that the
dislocation is 'pushed' towards the grain boundary. Two aspects of interest are the
application of the structural unit mode to the dislocation-grain boundary interaction
and the influence of a high ordering energy on the interaction mechanism.
The simulations were carried out using many-body potentials describing three
materials: Cu, CU3Au and Ni3Al. Cu represents a model f.c.c. material, and also can
formally be regarded as 'fully disordered' LI2, whereas Cu3Au represents moderately
ordered L12 (Tc below Tm, the melting temperature) and Ni3AI represents highly
ordered L 12 (Tc above Tm). In this way, the effect of increasing ordering tendency can
be studied. The computational procedure is simplified by limiting the choice of systems
that are studied to those systems with the dislocation line parallel to the boundary
plane, so as to be able to apply periodic boundary conditions along the dislocation line.
In this way, little restriction is imposed on small displacements of the dislocation core.
Another limitation of the computer simulations is that there there is no possibility of
simulating climb of the dislocation. It must be noted that the observations in HRTEM
are usually limited to projections of the dislocation line and grain boundary end-on,
and a one-to-one comparison with the results of atomistic simulations is possible and
will be made.
§ 2. METHOD OF CALCULA TION
For the description of interatomic forces, Finnis-Sinclair potentials representing
Cu (Ackland, Tichy, Vitek and Finnis 1987), Cu3Au (Ackland and Vitek 1989) and
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Ni3AI (Vitek, Ackland and Cserti 1990) were used. For the static simulations, the
following procedure was used. First, the grain boundary was relaxed, using a standard
gradient method; details are described elsewhere (Sutton and Vitek 1983). In the case of
the ordered compounds, different ordering configurations of the grain boundary were
considered (see for instance Frost 1987) and the ordering configuration with lowest
energy was chosen as a starting point for the dislocation-grain boundary relaxation.
Secondly, a computational block for the relaxation of the dislocation near the grain
boundary was constructed. The computational block of the grain boundary was
extended, according to the periodicity of the CSL, to form a block of 40 b x 40 b (b is the
magnitude of the Burgers vector) perpendicular to the tilt axis. Along the tilt axis,
periodic boundary conditions were applied. Next, the displacement field of a 1/2< 110>
type dislocation was imposed with its elastic centre near the grain boundary. The
anisotropic elastic solution (as if only the upper grain was present) was used for the
(fixed)boundary conditions perpendicular to the dislocation line. Of course, the neglect
of the presence of the lower grain will introduce a small error in the boundary
conditions. The dislocation was introduced in the upper grain at different positions
along the grain boundary period, a few lattice parameters away from the grain
boundary plane. In the ordered alloys, the displacement field of a 1/2<110> type
superpartial was imposed with its elastic centre near the boundary plane, connected by
a ribbon of anti phase boundary (APB) to another superpartial at elastic equilibrium
distance, according to the APB energy. In the case of Cu3Au the other superpartial was
imposed with its elastic centre outside the computational block. Since the elastic
equilibrium distance between the two superpartials in Ni3AI was not as large, the
computational block was extended to include both. The dislocation-grain boundary
relaxation was carried out in the usual way for dislocation relaxation (Basinski,
Duesbery, and Taylor 1970).
For the kinematical simulations, a similar procedure was used, but now the elastic
centre of the dislocation was initially positioned at such a distance from the grain
boundary that there was no strong effect of the grain boundary on the relaxation of the
dislocation core. The initial position of the core was always chosen such that
dissociation would occur on the glide plane. After relaxation of the dislocation core, a
homogeneous shear strain was imposed on the computational block, corresponding to
a shear stress as prescribed by anisotropic elasticity theory (as if only the grain initially
containing the dislocation was present). The shear stress was applied in the direction of
the Burgers vector, such that the dislocation would move towards the grain boundary
plane. The kinematical simulations started with imposing a shear strain corresponding
to a small stress. Larger stresses were built up by repeating this process.

§3. RESULTS
Most of the symmetric [110] tilt boundaires studied have (001) as the mean
boundary plane. Only the interaction of a 1/2[ 11 0] dislocation of pure screw character
with these boundaries was simulated. In this set-up, transmission of the dislocation
through the grain boundary is relatively easy, as no residue is left behind in the grain
boundary plane. In the following, all Miller indices are in the coordinate system of the
upper grain, unless indicated otherwise. The Σ = 3 (Ill) (Θ = 109'47°) coherent twin
boundary and a number of boundaries in the misorientation range 31·59° to 50·48°
were relaxed: the Σ = 27 (1¯15)(Θ = 31'59°); the Σ = 9 (1¯14)(Θ = 38'94°) (Cu only); the Σ
= 57 (¯227)(Θ = 44'0°) (Cu only) and the Σ = 11 (I13) (Θ = 50'48°). For Cu, a periodic
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pattern of structural units was found: Σ = 3: C.C; Σ = 27: A.A;Σ = 9: AB; Σ = 57: ABBB;
Σ = 11: B.B, where the. indicates a translation of 1/4 [110] along the tilt axis. For the
ordered structure a topologically similar pattern was found, but with two units that
differ in the occupation of atom sites by A- and B-atoms. For all materials, the Σ = 27
and the Σ = 11 boundaries are favoured boundaries in the misorientation range
mentioned, i.e. the boundaries in the intermediate misorientations are composed of the
structural units of these boundaries. In the kinematical simulations, the shear stress was
applied on the (1Il) plane.
The energies of the different ordering states of the boundaries in Cu3Au and Ni3AI
are given in table 1.The energies of the A 2 and A3 (and for the Σ = 3 the A l' A2 and A3)
structures should be identical on the basis of symmetry arguments.
Next, the Σ = 9 (211) (Θ = 38,94°) boundary with mean plane (1TO)was studied (for
Cu only). The relaxed boundary has a skew symmetric structure. Simulations were
done of the dislocation-grain boundary interaction between this boundary and two
types of 60° dislocations, the 1/2[ lOT] on the (1T1) plane and the 1/2[011] on the (1¯1¯1)
plane. A comparison will be made later with experimental results for Si (Elkajbaji and
Thibault-Desseaux 1988).
For a number of boundaries, all low-energy dislocation configurations that have
been found for that boundary are represented schematically in figures showing the
relaxed boundary structure. It has to be emphasized that the symbols indicating the
atom positions are drawn as if there is no dislocation present. Some examples of
dislocation structures and the results for the kinematical simulations are depicted using
the differential displacement method (Vitek, Perrin and Bowen 1970). This method
indicates the relative displacement of each atom with respect to its neighbours in a
certain crystallographic direction (usually the direction of the Burgers vector). If the
absolute value of the relative displacement exceeds half of the periodicity of the lattice
in that direction, an integer number times the period is added or subtracted. In the case
of the ordered structure, the periodicity of the f.c.c. structure was used to facilitate the
comparison. The position of the APB is indicated by a line. The relative displacements
are indicated by arrows drawn between the atoms. In the figures, the regions where the
differential displacements have a size between 0·30 a0 and 0·354 a0 (half the periodicity
along the tilt axis, where a0 is the lattice constant) are indicated by lines; the regions
where the differential displacements are between 0·15 a0 and 0·30 a0 are indicated by
lobes (two lines parallel).
Table 1. Grain boundary energies in mJ/m2 for different ordering states. The cubic sublattices
containing the B-atoms are indicated by their relative translation vector (in the
coordinate system of the upper grain). The relaxed configuration with full symmetry is
indicated by S.
Ordering state
Translation vector

S

[OOO]

Al
1/2[110]

A2
1/2[101]

A3
1/2[011]

Cu3Au
Ni3Al

7
6

47
208

47
208

47
208

Σ= 11 Cu3Au

Ni3AI

363
506

344
490

358
605

359
606

Cu3Au
Ni3AI

697
996

701
994

737
1105

1105

Σ=3

Σ=27

737
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3.1. FCC (Cu)
In the kinematical simulations, the screw dislocation started to move in the lattice
at an applied shear stress of 500 MPa. The screw dislocation was dissociated initially
into two Shockley partials in the (lIl) plane. Their separation distance was 4 a0, and
they remained separated during the movement.
In the static simulations of the interaction between the screw dislocation and the
Σ = 3 boundary one low energy configuration
was found: absorption of the screw
dislocation and splitting in the boundary plane into two Shockley partial dislocations,
the 1/6[121] and the 1/6[211], which are DSC dislocations of the Σ = 3 boundary,
causing a step of + 1 and - 1 interplanar spacing, respectively. See fig. 1.
In the kinematical simulations, the Σ = 3 boundary acted as an obstacle to the
motion of the screw dislocation. At a stress level of 500 MPa the screw dislocation
started to move towards the boundary plane from its initial position. The leading
Shockley partial was halted at the boundary plane and the trailing one remained
separated from it by approximately 2 a0. Upon further increase of the shear stress, this
separation distance decreased, and eventually, at 1500 MPa, there was transmission of
the screw dislocation through the boundary to the symmetric slip plane in the other
grain. See fig. 2. After transmission, the separation of the Shockley's increased again.
For the Σ = 27 boundary, four low energy configurations were found, all showing
splitting into two lattice Shockley partial dislocations, on different {Ill} planes,
namely the (Ill) and the (1II) plane. See fig. 3. One of the Shockley partials was always
attracted to the boundary and merged into the boundary plane. In most con,figurations,
there was some spreading of the core into the other grain. Some local relaxation effects
could be observed. For the kinematical simulations of the Σ = 27 boundary, two
Fig. 1

The configuration found for the Σ = 3 boundary in Cu, showing absorption of the screw
dislocation in the boundary plane into two g.b.d.s. In this and the following figures, a
projection along [110] is shown. The different symbols indicate different heights.
Structural units in a boundary are indicated and if a new boundary is formed between the
g.b.d.s, structural units in this new boundary are also indicated. The heights indicated by
the symbols are heights before the dislocation was imposed.
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Fig.2

Transmission of the screw dislocation through the Σ = 3 boundary in Cu.

different initial configurations, corresponding to two different (1I 1) slip planes, ending
at different locations in the structural unit, were chosen. In the first case, the screw
dislocation reached the boundary in the middle part of the structural unit. Transmission to the (1¯1¯1)II plane (the II indicates the coordinate system of the lower grain)
occurred at 1300 MPa. Contraction of the two Shockley partials during transmission
through the boundary plane was not as pronounced as in the transmission through the
Σ = 3 boundary. Strong local relaxation effects could be observed. See fig. 4. In the
second case, the (1¯1I) slip plane ended in the left part of the structural unit. The
movement of the screw dislocation again started at 500 MPa. Very close to the
boundary plane, cross slip to the (111) slip plane occurred and the screw dislocation
moved to the right part of the Σ = 27 structural unit. The leading Shockley was
absorbed in the grain boundary plane with the trailing Shockley very close behind.
When the applied shear stress was increased gradually, the trailing Shockley merged
into the boundary plane and the leading one spread its core into the other grain onto
the (111)11 plane. No transmission occurred as the simulation continued (the final stress
level was 3000 MPa).
The Σ = 11 boundary showed only one low energy configuration: the screw
dislocation was absorbed in the boundary and split into two DSC dislocations, the 1/22
[47¯1]and the 1/22 [741]. These DSC dislocations are both glissile in the (113) plane of
Σ = 11 boundary. See fig. 5. The two DSCs cause a step of + 1 and - 1 interplanar
spacing in the boundary plane respectively. Exactly the same dissociation was found in
the kinematical simulations. The screw dislocation started to move towards the
boundary at 500 MPa shear stress. At the boundary plane, it dissociated into the two
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Fig.3

Schematic representation of the configurations found for the Σ = 27 boundary in Cu. All
configurations show a Shockley partial dislocation merged in the boundary, connected
by a stacking fault to a Shockley in the lattice.

DSC dislocations mentioned above. After the dissociation, the 1/22[741] DSC
dislocation moved to the right, to a position close to the border of the computational
block.
3.2. Ordered compounds
3.2.1. CU3Au
In the static simulations for the Σ = 3 boundary

two different low energy
configurations were found, corresponding to two different types of interaction: one
configuration shows absorption into the boundary plane and dissociation into two
DSC dislocations of the disordered boundary, the 1/6[12¯1]and the 1/6[211], causing a
step of one interplanar spacing in the grain boundary plane. The separation between
the g.b.d.s was much smaller than the separation in Cu. The part of the new boundary
between the g.b.d.s corresponds to a different ordering state of the Σ = 3 boundary. It
has to be noted that if the g.b.d.s are moving to different sides of the intersection
between APB and boundary plane, two different ordering states of the original
boundary are created at the two sides of the APR These two states differ by the
translation vector of the APB. For the boundaries studied in this paper, these have
equal energy. The other configuration shows dissociation into two lattice Shockley
partial dislocations, one of which was attracted to the boundary. See fig. 6.
The Σ = 27 boundary showed two different types of interaction, with very little
energy difference. A number of configurations, which are all examples of the first type of
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Fig. 4

Transmission of the screw dislocation through the middle part of the structural unit of the Σ = 27
boundary in Cu. Note the strong relaxations in the neighbouring structural units.

Fig. 5

The configuration found for the Σ = 11 boundary in Cu, showing absorption of the screw
dislocation in the boundary plane into two g.b.d.s.
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Fig.6

The configurations found for the Σ = 3 boundary in Cu3Au (A3B).For CU3Au,absorption in the
boundary plane as well as attraction of one Shockley partial dislocation to the boundary
plane were found. In this and the following figures, the B-atoms are indicated by thicker
lines, with the following order of the symbols: 0, +, x, 6. The different positions of the
APB attached to a configuration are indicated by dashed lines and the number of the
configuration.

interaction, showed dissociation into lattice Shockley partial dislocations, one of which
was attracted to the boundary. These configurations compare well to the configuration
no. 3 of fig. 3 for Cu. In two other configurations (fig. 7), absorption into the boundary
plane and dissociation into two DSC dislocations of the disordered boundary, the
1/54[16 11 1] and the 1/54[11 16 ¯1], was found. The g.b.d.s cause a step in the
boundary plane of + 4 and - 4 interplanar spacings, respectively. The boundary
formed between the two cores corresponds to a different ordering state of the original
boundary; because of the step in the boundary, some shuffling of atoms has occurred
and anti-site defects have been created because of the shuffling.
In the Σ = 11 boundary, a similar configuration to that in Cu was found again. As
the g.b.d.s do not belong to the DSC lattice of the ordered boundary, the part of the
boundary between the two g.b.d.s again has an ordering configuration which is
different from the original boundary. The separation of the g.b.d.s was smaller than in
Cu.

3.2.2. Ni3Al
The relaxation in the perfect lattice of the core of a 1/2[ 110] superpartial dislocation
without an applied shear stress revealed that there were two stable core configurations
with very similar energies, depending on the initial position of the core. The first
configuration ('glissile')showed spreading of the core on the (1I1)plane of the APB. The
other configuration ('sessile') showed spreading of the core on the (Ill) plane. This
result compares well to other simulations in L12 ordered materials (Yamaguchi,
Paidar, Pope, and Vitek 1982,Farkas and Savino 1988).In the kinematical simulations
of the interaction with grain boundaries, the initial position of the dislocation was
always chosen in such a way, that after the dislocation-grain boundary relaxation the
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Fig. 7

The configuration showing absorption in the boundary plane for the Σ = 27 boundary in Cu3Au.
The double circles indicate anti-site defects.

glissile core configuration would be attained. In the kinematical simulations in the
perfect lattice, the movement of the superpartial screw dislocations started at 700800MPa.
In the Σ = 3 boundary, two different configurations, both similar to the two
configurations in Cu3Au, were found. The separation of the two g.b.d.s in the case of
absorption was much smaller than in Cu and this configuration had a slightly higher
energy than the configuration showing dissociation into two lattice Shockley partials.
The interaction of the 1/2[110] superpartial screw dislocation with the Σ = 3 boundary
in the kinematical simulations showed a similar mechanism to Cu. The leading
superpartial was dissociated into two Shockley partials with very small separation.
Upon arrival at the boundary plane, the leading Shockley partial was stopped and a
slight decrease of the separation of the Shockleys could be observed. When the shear
stress reached a level of 2900 MPa, transmission occurred across the boundary into the
symmetric slip plane in the other grain.
For the Σ = 27 boundary only one type of interaction was found: dissociation into
lattice Shockley partials, with one partial merged into the boundary. Most of the
configurations that were found compare well with the configurations nos. 1,3 and 4 of
fig. 3 for Cu. One new configuration (no. 3 of fig. 8) was found for Ni3Al; this
configuration had a slightly higher energy. See fig. 8.
For the study of the interaction with the Σ = 27 boundary in the kinematical
simulations, two different initial configurations were chosen. In the first configuration,
the (IT 1) slip plane of the superpartial ended in the middle of structural unit no. 1. See
fig. 9 (a). When the leading 1/2[110] superpartial reached the boundary, it was halted,
with one Shockley merged into the boundary plane and the other in the lattice, very
close to the boundary plane. When the stress level increased, the Shockley partial in the
lattice gradually spread its core onto the (Il1) plane. At a stress level of 3400 MPa, the
Shockley partial (originally 1/6[121]) had dissociated into a 1/6[¯110] stair rod
dislocation, located approximately at the original position of the Shockley, and a new
Shockley partial, 1/6[211], which had merged into the right part of structural unit no. 2.
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Fig.8

The configurations found for the Σ = 27 boundary in Ni3Al.

In this way, a new, second region of complex stacking fault (CSF) had formed on the
(I II) plane, connecting the stair rod dislocation and the newly formed Shockley partial.
See fig. 9 (a). At a stress level of 3900 MPa, the trailing 1/2[110] superpartial
approached the configuration and a reaction between the stair rod dislocation and the
leading Shockley of this superpartial took place, in which the 1/6[121] Shockley partial
was created. The 1/6[121] Shockley partial cross-slipped away along the (Ill) plane,
thus creating an APB on the (Ill) plane. Finally, at a stress level of 4200 MPa, a CSF
was formed on a (1II)II plane in the other grain. See fig. 9 (b). In the second
configuration, the slip plane of the superpartial ended in the left part of structural unit
no. 2. The superpartial cross slipped onto the (111)plane and merged into the right part
of the structural unit, analogous to the second mechanism described for the interaction
with the Σ = 27 boundary in Cu. At an applied shear stress of 3100 MPa, the
superpartial was transmitted into the other grain onto a (1II)II plane. See fig. 10.
The Σ = 11 boundary again showed the same configuration as was found in Cu3Au.
The separation between the g.b.d.s was smaller than the separations in Cu and Cu3Au.
In the kinematical simulations, one Shockley partial was initially attracted to the
boundary while the other remained in the lattice at 3 a0 from the boundary plane. Thus,
a relatively large area of CSF was created. When the stress level was increased further,
this configuration remained the same, with only a slight decrease in the separation of
the Shockley partials, until a stress level of 1900MPa was reached. At this level, the
superpartial was absorbed in the boundary and split into two g.b.d.s belonging to the
DSC lattice of the disordered boundary, analogous to the mechanism in Cu.

Fig.9

(a)

(b)
(a) First stage of the interaction with the Σ = 27 boundary in Ni3Al in the kinematical

simulations. Both the leading and the trailing superpartial dislocations are visible.The
arrow indicates the position of the stair rod dislocation. (b) Final configuration. The
trailing superpartial has cross-slipped to the right and a CSF has been created in the
lower grain.
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Fig.10

Transmission of the leading superpartial through the Σ = 27 boundary in Ni3AI. The trailing
superpartial is visible in the upper grain.

3.3. Structural unit model and comparison with experiment

In the structural unit model, the structure of grain boundaries in the misorientation
range between two low energy boundaries can be described as composed of a sequence
of building blocks or 'structural units' of these two 'favoured' boundaries. In our case,
the Σ = 27 and the Σ = 11 boundary are the favoured boundaries and the Σ = 57 and
Σ = 9 (114) boundary are composed of units of the Σ = 27 and Σ = 11 boundaries. The
interaction ofa 1/2[110] screw dislocation with the Σ=57 and Σ=9 boundaries was
studied in Cu.
The low energy configurations for the Σ = 57 boundary are very similar to those
found for the two delimiting favoured boundaries. In the parts of the boundary that can
be described by Σ = 11 units, the mechanism of absorption in the boundary was
observed again. The splitting was never beyond the two Σ = 27 units on both sides of the
Σ = 11region. For the Σ = 27 units, three of the four configurations that had been found
for the Σ=27 boundary were found here again. See fig. 11. The Σ=9 (¯114)boundary
again showed configurations that were similar to the Σ = 11 and Σ = 27 boundaries.
Although the boundary consists of a repeating sequence of only one Σ = 11 and one Σ
= 27 structural unit, the mechanism of absorption into the Σ = 11 unit was observed
here again; the splitting in the boundary plane was limited to the very narrow region of
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Fig. 11

The configurations found for the Σ = 57 boundary in Cu, showing similarity to the configurations
found for the Σ = 27 and Σ = 11 delimiting favoured boundaries.
Fig. 12

Schematic figure of the configurations found for the Σ = 9 (114) boundary in Cu, showing mostly
similarities to the configurations found for the Σ = 27 and Σ = 11 delimiting favoured
boundaries.
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Fig. 13

Absorption ofthe 1/2[1O¯1] 60° dislocation in the Σ=9 (2¯21)boundary into two 1/18[1I¯4] and
one 1/18[72¯1] g.b.d.s in Cu. In this figure, the displacements parallel to the 1/18[1¯1¯4]
DSC dislocation are indicated.

one Σ = 11 unit. The occurrence of one extra configuration (no. 5 of fig. 12)shows that
there was some interference between the Σ = 11 and the Σ = 27 units. See fig. 12.
A number of simulations of the interaction of 60° dislocations with the Σ = 9 (2¯21)
boundary were performed to be able to compare with experimental observations. The
simulations for the interaction between the Σ = 9 (2¯21)boundary and the 1/2[10¯1]60°
dislocation on the (111)plane show absorption of the dislocation and splitting into the
1/18 [2¯2¯8]
and 1/18[72¯1]DSC dislocations, causing an effective step (King and Smith
1980) in the boundary plane of + 4 and - 3·5 interplanar layers, respectively. The
1/18[2¯2¯8]
DSC is not an elementary DSC dislocation and it is glissile in the boundary
plane, so it could be expected to split into two 1/18 [1¯1¯4]
dislocations. If the initial
configuration before relaxation was altered in such a way that the position of the
boundary plane was displaced by 4 interplanar spacings over a length of 2 boundary
periods by shuffling of the atoms in these planes, a different configuration with lower
energy was observed, showing splitting into two separate 1/18[1¯1¯4]
dislocations and
the 1/18[72¯1].See fig. 13.For the interaction with the 1/2[011] dislocation on the (111)
plane, splitting into lattice Shockley partials was observed and the leading (pure edge)
partial was attracted to the boundary plane.
§ 4. DISCUSSION
In all the examples studied so far, there was an attractive force between the
boundary and the (partial) dislocation core. First, we will discuss the results of the static
simulations for the Σ = 3, the Σ = 27 and the Σ = 11 boundaries and we will consider the
effect of increasing ordering tendency.
For the Σ = 3 and the Σ = 11 boundaries, the absorption in the boundary plane and
splitting into DSC dislocations can be understood using the b2 criterion, the fact that
both dislocations are glissile in the boundary plane, the small step height associated
with these dislocations and the conservation of step height (King and Smith 1980).In
Cu, the new boundary that is formed between the two g.b.d.s is exactly the same as the
original boundary, and therefore, from an elastic point of view, the g.b.d.s would be
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expected to move apart as far as possible. Recent simulations using Finnis-Sinclair
potentials (Pestman, De Hosson, Vitek, Tichelaar and Schapink 1990) show that the
friction stress for screw dislocations is high in perfect crystal. An estimate of the elastic
repulsion (using bulk elastic constants and isotropic elastic theory) in equilibrium with
the friction stress yields a separation distance which is comparable to the actual
separation that was found in the simulations described in this paper. As the Burgers
vectors of the DSC dislocations in the Σ = 11 boundary are more parallel than those in
the Σ = 3 boundary, a stronger elastic repulsion between them, and hence a large
separation distance between the Σ = 11 g.b.d.s, would be expected. A possible reason
why this is not so, might be found in a higher friction stress for glide in the (113)
boundary plane of the Σ = 11 boundary than for the (Ill) boundary plane of the Σ = 3.
The results for the Σ = 3 and Σ = 11 boundaries are confirmed by experimental
observations using TEM of widely dissociated pairs of the same DSC dislocations in
austenitic stainless steel for Σ = 3 (Pumphrey and Bowkett 1971) and for Σ = 11 by
in situ observations of DSC dislocations, to which the same Burgers vectors are
attributed as in our case, gliding on the (113) boundary plane in Al (Mori and Tangri
1979).
The decrease in separation of the g.b.d.s when we go from 'disordered' Cu via
Cu3Au to strongly ordered Ni3AI can be explained by the differences in the energy of
the new grain boundary segment that is created between the g.b.d.s. The energy
difference between the original boundary and the boundary created between the g.b.d.s
is zero for disordered material and increases with increasing ordering tendency. See
also table 1. In Cu3Au and in Ni3AI, a stable configuration showing splitting into two
lattice Shockley particals occurred for the Σ = 3 boundaries in contrast to Cu where this
did not occur. This can be explained by the small differences between the energy of the
CSF, which is created between the two lattice Shockley partials, and the ordering fault
energy of the boundary that is created between the g.b.d.s in the case of absorption. If
we assume bulk elastic constants and only take the energy of the fault that is created
between the two g.b.d.s into account, the equilibrium separation using isotropic elastic
theory of the two g.b.d.s in the Σ = 11 in Ni3AI,for example, would be expected to be 5·1
a0. The high friction force again could be the reason for the smaller splitting distances
that are observed in the simulations.
In the Σ = 27 case, the attraction without splitting into g.b.d.s in the boundary plane
shows that the (partial) dislocation core can lower its energy by merging into the
boundary core. Absorption into DSC dislocations, as occurred in Cu3Au structure,
causes a larger step in the grain boundary plane than in the Σ = 11 or Σ = 3 boundary
and glide of the two DSC dislocations will be associated with shuffling of atoms. Also,
in the L 12 structure, depending on the way the shuffling takes place, anti-site defects can
be created in the shuffled region (i.e. the region between the positions of the boundary
plane before and after migration). This will limit the separation of DSC dislocations.
This argument can be applied in general to boundaries in the ordered structure. Even
for another grain boundary-dislocation system, if there is dissociation into g.b.d.s that
belong to the DSC lattice of the ordered grain boundary and no fault in the new
boundary structure between the g.b.d.s is created, the creation of anti-site defects will
limit the separation of the g.b.d.s. The reason why the splitting into g.b.d.s only
occurred in Cu3Au, might be found in the differences in the interatomic interactions
between the three materials.
Now we turn to the results of the kinematical simulations. The applied shear
stresses necessary to start the movement of the screw dislocations in perfect lattice are
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0·009 µ for Cu (µ is the shear modulus) and 0·007 µ for Ni3Al. These values are high in
comparison to experimental values of the friction stress, even if we take into account the
fact that the simulations are done at 0 K and that the friction stress for a screw
dislocation is higher than for an edge· Of course, it should be noted that, because of the
periodic boundary
conditions along the dislocation line, motion of the screw
dislocation through the formation of kinks is prohibited·
The transmission through the Σ = 3 boundary in both materials can be explained by
the small angle between the symmetric slip plane in the other grain and the original slip
plane, and consequently a high resolved shear stress on this slip plane· Transmission
occurred at three times the friction stress for Cu and four times the friction stress for
Ni3AI, indicating that the Σ = 3 boundary is a stronger obstacle to dislocation
movement in Ni3Al.
From the study of the interaction with the Σ = 27 boundary in Cu, it can be
concluded that the interaction with a boundary can show large differences, depending
on where the dislocation arrives in the boundary· The resistance against shear seems to
depend on the local atomic configuration and the differences within a structural unit
can be large· When we compare the results for Cu and Ni3AI, there are large differences
between the interaction of the screw dislocation with the middle part of the structural
unit in Cu and the interaction of the superpartial with the middle part of structural unit
no· 1 in Ni3Al. In Cu, transmission is observed at a stress level of less than three times
the friction stress, while in Ni3AI at more than five times the friction stress a
complicated reaction takes place and transmission occurs at a different location in the
grain boundary· When we compare the interaction of the screw dislocation gliding
towards the left part of the structural unit in Cu with the interaction of the superpartial
gliding towards the left part of structural unit no. 2 in Ni3AI, we observe the same
mechanism of cross slip towards the right part of the structural unit.
Both the Σ = 3 and the Σ = 27 boundaries show a tendency to transmission under an
applied shear stress· In Ni3AI, however, the stress level at which transmission occurs is
clearly higher, even in terms of the friction stress, and the boundaries prove to be strong
obstacles against passage of dislocations· It could be reasoned that a superdislocation
arriving at a grain boundary in Cu3Au and especially in Ni3AI with its high APB energy
first responds to an applied shear stress by decreasing the width of the APB separating
the two superpartials· As a matter of course this phenomenon does not occur in f.c·c· Cu
and, consequently, the boundaries are more transparent for moving dislocations· In
Ni3AI in particular, the close approach of the trailing superpartial to the leading one
causes a stress concentration
at the boundary plane· It might be envisaged that in
reality in Ni3AI, other processes like intergranular fracture will occur in response to the
applied stress at lower stress levels than those necessary for transmission·
The absorption in the Σ = 11 boundary compares well to the static simulations, for
in those the tendency of absorption and splitting into DSC dislocations was observed in
both materials. This tendency is presumably so strong that transmission onto the (1¯1¯1)II
plane does not occur, in spite of the small deviation angle with respect to the original
slip plane·
The results for the Σ = 57 and the Σ = 9 (114) boundaries show that the structural
unit model may help us to predict the interaction between the screw dislocation and a
long period boundary, if we know the interaction between the dislocation and the
delimiting favoured boundaries· The results of a previous pair potential study of the
Σ = 57 boundary in L12 ordered structure (Pestman, De Hosson, Vitek and Schapink
1990) suppport this conclusion for ordered alloys· However, there are two consider-
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ations that have to be kept in mind: first, in the case of absorption in the boundary and
splitting into DSC dislocations, the distance of splitting is limited to one type of
structural unit; second, the minority units can be thought to contain a dislocation core
and there can be elastic interaction with the lattice dislocation. In our case, the core of
the 1/22[¯226] DSC that can be considered to be located in the Σ = 27 unit in the
Σ = 57 boundary has elastic interaction with the edge components of the Shockley
partials in the (111) plane of the screw dislocation. The leading partial is attracted
whereas the trailing one is repelled. This might be an explanation for the slightly larger
stacking fault of configurations no. 4 and 5 of fig. 11 for Σ = 57 with respect to the
configurations no. 1 and 2 of fig. 3 for Σ = 27.
The simulations for the Σ = 9 (2¯21)boundary in Cu can be compared with HRTEM
observations of Elkajbaji and Thibault-Desseaux
(1988) of the same system in Si. Since
Si can be regarded as an f.c.c.lattice with a basis consisting of two atoms, the geometry
of the system is the same. The splitting of the 1/2[ 10 I] dislocation into the 1/18 [72 ¯1]
(which is the 1/6[21 ¯1]II in the notation as used by Elkajbaji and Thibault) and two
1/18[11¯4] g.b.d.s compares very well with fig. 9 of their paper. In our simulations the
splitting distances are much lower, as the friction stress in the simulations is relatively
high. The attraction to the grain boundary plane of the leading 90° Shockley partial of
the 1/2[011] lattice dislocation compares well with fig. 8 (a) of their paper. Splitting of
the leading Shockley partial into two g.b.d.s, as was observed experimentally, would
not be expected to occur in the simulations: there is no driving force for this
dissociation, because the Burgers vectors of the two g.b.d.s are perpendicular and in the
simulations there are no external stresses.
The simulations have been done for configurations at 0 K. It could be reasoned
that the mechanisms of the interactions, which are mostly derived from calculations of
energy differences, will probably remain the same at higher temperatures, whereas the
motion of the g.b.d.s, especially if associated with shuffling atoms or with climb, will be
easier. Further, the concept of structural multiplicity has been found to be very
common within the structural unit model, with alternative structures frequently
possessing very similar energies. The existence of these alternative structures suggests
that at high temperatures transformations
of the boundary structures could occur.
These transformations
may either be of the order-disorder
type involving transition
from a periodic to a non-periodic multiple structure, or the transitions from one
alternative structure to another (Vitek, Minonishi, Wang 1985, Vitek and De Hosson
1986).
§ 5. CONCLUSIONS
A number of experimental
observations
of dislocation-grain
boundary
interaction can be reproduced in computer simulation.
(2) The structural unit model may be used to predict the interaction of a lattice
dislocation with boundaries in a certain misorientation range if the interaction
of the lattice dislocation with the favoured boundaries delimiting the misorientation range is known.
(3) The mechanism of the interaction between lattice dislocations and grain
boundaries is similar for boundaries in ordered and disordered (or f.c.c.)
materials. In the case of absorption into g.b.d.s in ordered material, an ordering
fault is left behind in the boundary plane and anti-site defects may be created
during movement of the g.b.d. Because of these phenomena, movement of
g.b.d.s in ordered material is hindered and, in the case of extended slip, stress
(1)
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concentrations will develop at the boundary upon arrival of more lattice
dislocations. In the case of transmission, the simulations show that transmission through an ordered boundary occurs at high stress levels and the
superpartials constituting the arriving dislocation will decrease their separation in response to the applied stress. In this way, stress concentrations near
the boundary will be generated. These considerations suggest that the
interaction between lattice dislocations and grain boundaries may be of
importance for the explanation of the intergranular fracture occurring in a
number of ordered compounds, particularly those with a high ordering energy.
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